The interactions of hydrogen with both edge and screw dislocations in face-centered-cubic (fcc) metals are investigated using molecular statics simulations of nickel-hydrogen as a model system. It is shown that the most energetically favorable sites for H occupation are octahedral sites in the perfect fcc lattice, tetrahedral sites in the stacking fault, and both octahedral and tetrahedral sites in the Shockley partial cores of dislocations. Moreover, the diffusion barrier for H is relatively high except for pipe diffusion near the Shockley partial cores. It is also shown that partial dislocation cores have the strongest interactions with hydrogen. The hydrogen-dislocation interactions (attractive or repulsive) and the change in stacking width (increase or decrease) depend on the hydrogen-occupying sites (octahedral or tetrahedral) and the positions of the hydrogen atoms relative to the strongest binding energy sites. In particular, on the dislocation glide plane, only hydrogen atoms in both of the Shockley partial core regions can result in increasing the stacking fault width, while those in the stacking fault region or in the perfect fcc lattice region have no observable effects. On the other hand, uniformly distributed hydrogen in the tension region near the center of a dislocation can result in decreasing the stacking fault width. The stable stacking fault energy also decreases with increasing hydrogen concentration due to the resulting negative binding energy of hydrogen to the stacking fault, while the unstable stacking fault energy increases with increasing hydrogen concentration. This may result in pinning the dislocation due to the nature of short-range interaction between interstitial hydrogen atoms and their neighboring Ni atoms.
I. INTRODUCTION
Despite the successful development of materials with outstanding strength and toughness, hydrogen embrittlement (HE) remains one of the most severe and most controversial types of failure that affects almost all types of materials. 1 The pernicious effects of hydrogen (H) on the mechanical properties of metals have been documented in many materials. [1] [2] [3] Because of the implications of HE on the technological advances in energy production systems and in technologically important corroding materials near water, various experimental studies have been carried out to explore the nature of H degradation in metals. These range from studies on the effects of H on slip localization, 4, 5 hardening, 6 ,7 softening, 6, 8 H-dislocation interactions, 2, 3, 9 and fatigue. [10] [11] [12] However, the results of these experiments are sometimes conflicting and contradictory. For example, in iron, aluminum, and nickel, H has been reported to decrease the flow stress, 6, 8 while other studies reported an increase in the flow stress for the same materials. 5, 7 Similarly, H has been linked to degradation of fatigue properties and fatigue crack growth in steels, 10 which is contrary to more recent results that showed that H produces fatigue crack growth resistance and can enhance fatigue properties. 11, 12 Although such experimental investigations can provide insights on the effect of H on the macroscopic properties of metals, they are highly dependent on the experimental setup and unintentional damage that may be introduced in the tested material, making the results obtained sometimes questionable. 4 In addition, since the HE processes occur on an atomic scale (e.g. dislocation core, crack tip), the exact mechanisms leading to HE are not easily identified experimentally.
Atomistic simulations provide a unique capability to capture details of deformation and fracture processes at the atomic level, enabling the investigation of relevant microscopic mechanisms. An early molecular dynamics (MD) study on the effects of H on metals was performed by Daw et al. in 1986 . 13 From that study, it was shown that H can weaken metal bonds and modify the moduli when present in high concentrations. Various similar studies followed, mostly focusing on dislocation emission and plasticity around crack tips, [14] [15] [16] [17] [18] and H-grain boundary interactions. 19, 20 Ab initio calculations have also been utilized to determine the electronic mechanisms underlying the influence of H on the atoms of metals. 21, 22 On the other hand, atomistic simulations addressing H interaction with preexisting dislocations received less attention. In fact, preexisting dislocations are ubiquitous and one of the most important defects controlling plasticity in metals, and H-dislocation interaction will impact almost all stages of plastic deformation (yielding by onset of dislocation, flow by dislocation motion, hardening by dislocation pinning, dynamic recovery by cross slip, etc.). To address some of these points, Wen et al. 23 performed molecular statics (MS) simulations using the nudged elastic band (NEB) method to study the effects of H on kink-pair formation in α-Fe. In that work, it was shown that the activation energy for kink-pair nucleation could either increase or decrease depending on the transition of H to different binding sites. In addition, Taketomi et al. 14 investigated the mobility of an edge dislocation in α-Fe using the NEB method and showed that H can reduce the Peierls-Nabarro (P-N) energy barrier for dislocation motion, but it has an insignificant effect on the interaction forces between dislocations. Lu et al. 22 performed ab initio calculations and found that both unstable and stable stacking fault energies (SFE) in face-centered-cubic (fcc) Al in the presence of H occupying octahedral sites (O site) drop by 50%. Similarly, Taketomi et al. 18 showed through MS simulations that the SFE decreases with increasing H concentration in α-Fe. Wen et al. 24 ,25 also investigated the effect of H on the dissociation of screw dislocations in nickel (Ni) using the embedded-atom method (EAM), and showed that the stacking fault (SF) width of a screw dislocation increases with increasing H concentration uniformly distributed on the dislocation glide plane. They hypothesized that the increase in SF width is due to the decrease in SFE in the presence of H. On the contrary to those results, more recent EAM-based Monte Carlo simulations of Ni-H concluded that the SF width decreases significantly and that the stable SFE increases with increasing H concentration. 26 Thus far, the reported atomic mechanisms of H-dislocation interactions remain contradictory and incomplete. To address some of these issues, in the following, the interactions of H with preexisting screw and edge dislocations are carefully evaluated based on the EAM potential of an Ni-H single crystal system. First, the binding energies of interstitial H to both edge and screw dislocations are calculated. In view of these results, the repulsive and attractive forces on the dislocation, as well as the SF width are computed as a function of the H-occupying sites in the Ni matrix, Shockley partial cores, and dislocation stacking fault. The generalized stacking fault energy (GSFE) is also calculated as a function of H concentration. Finally, the results are discussed in terms of H-dislocation short-range interactions and the influence of H on dislocation mobility and cross slip.
II. COMPUTATIONAL METHOD
All molecular statics simulations in this study were performed using the three-dimensional molecular dynamics code LAMMPS developed at the Sandia National Laboratory. 27 The EAM potential used for these simulations is that developed for an fcc Ni-H system by Angelo et al. 28, 29 This EAM potential is considered thus far to be the most accurate potential available in literature for Ni-H systems. 15, 30 During energy minimization, the conjugate gradient (CG) method and an energy tolerance (change in energy between two successive iterations divided by the total energy) equal to 10 −12 were employed. The common neighbor analysis (CNA) with a cutoff of 3.0Å was used to identify the defects (i.e. non-fcc atoms), 31 and visualization of the atomic configurations were obtained using Visual Molecular Dynamics (VMD). 32 The simulations were performed on rectangular cells having x, y, and z axes oriented along the [110], [112] , and [111] directions, respectively. The dimensions of these simulation cells were 15 × 30 × 15 nm for edge dislocation simulations and 30 × 15 × 15 nm for screw dislocation simulations, as shown schematically in Fig. 1 . The total number of atoms in all simulation cells was ∼700 000. All edge and screw dislocations modeled had Burgers vector b = a 0 /2 [110] on the (111) plane, and were introduced at the center of the simulation cells using their appropriate anisotropic elastic displacement fields. 33 Here, a 0 = 0.352 nm is the lattice constant for fcc Ni. For simulation cells containing screw dislocations, periodic boundary conditions (PBCs) were employed along the x direction (i.e. dislocation line direction) to mimic an infinitely long dislocation, while free boundary conditions were employed along the z direction. In addition, PBCs were also introduced in the y direction (i.e. dislocation glide direction), to avoid dislocation-surface interaction. However, this periodicity in the y direction is broken after the introduction of the screw dislocation displacement field. Thus, an extra shift of b/2 in x direction for atoms leaving one (112) surface of the simulation box, and − b/2 for atoms leaving the other (112) surface, were applied to correct for the periodicity in the y direction. 34 For simulation cells containing edge dislocations, PBCs were employed along both x and y directions, while free boundary conditions were employed in the z direction. As seen in Fig. 1 , the upper half of the sample undergoes tensile strain, while the lower half undergoes compressive strain.
After introducing an edge or a screw dislocation into the simulation cell, energy minimization was performed, and as expected, the dislocation dissociates into two a 0 /6 112 Shockley partials separated by a SF, as shown schematically in Fig. 1 . The widths of the dissociated edge and screw dislocations are 2.74 and 1.51 nm, respectively, which are in good agreement with other atomistic simulations (2.50 nm for edge 28 and 1 ∼ 1.49 nm for screw 28, 35 ). For H-dislocation simulations, H atoms are introduced to the simulation cell after energy minimization. Possible interstitial H-occupying sites in the Ni crystal are either octahedral (O sites) or tetrahedral sites (T sites). In relation to the ABCABC packing sequence of perfect fcc crystals, the O sites are on the central planes between two adjacent A and B planes, and overlap with atoms belonging to C planes as projected on the central plane. This is shown in Fig. 2 It should be noted that the distance between an O site and the nearest neighboring Ni atom is 1.76 nm, while that for a T site is only 1.35Å. Thus, a higher local density exists around H at T sites.
In the SF, O and T sites are different than those in the perfect fcc lattice. Conventionally, these occupation sites are named according to their relative positions to the local lattice structure. However, for highly distorted lattice such as Shockley partial cores, O and T sites are hard to define. Therefore, in the remainder of this paper, an occupation site in the SF will be termed an O or a T site, according to its relative position to the reference lattice, which is chosen to be to the lower half (along z direction) of the lattice. In such a manner, O and T sites near partial cores can also be defined. As seen in the side view of the (111) slip planes shown in Fig. 2(c) , in relation to the ACAC hexagonal close packed (hcp) sequence of a SF, O sites are located just underneath the atoms belonging to C planes. On the other hand, T sites in the SF overlap with the projection of atoms belonging to B planes three layers below/above [see Fig. 2(c) ]. The distance between an O site and its nearest neighboring Ni atom is 1.35Å, while that for T sites is 1.76Å. This indicates a local density at T sites that is lower than that for H occupying O sites in the SF.
Simulations to identify the elastic interactions between H and both edge and screw dislocations were performed by introducing arrays of H atoms at various occupying sites in the vicinity and/or interior of the dissociated dislocation. Introducing arrays of H atoms is necessary to maintain the symmetry of the dislocation along its line direction during the H dislocation interactions. For simulations of H interactions with edge dislocations, one half of all available O sites in the perfect fcc lattice or T sites in the SF were occupied by H, giving a line density of one H per a 0 112 (i.e. 1.16 atom/nm) unless otherwise stated. For simulations of H interactions with screw dislocations, one fourth of all available O sites in the perfect fcc lattice or T sites in the SF were occupied by H atoms, giving a line density of one H per 2a 0 112 (i.e. 1.00 atom/nm) unless otherwise stated. Energy minimization was performed after the introduction of H to obtain the equilibrium configuration, and all atoms were allowed to relax during energy minimization.
Generalized stacking fault energy (GSFE) calculations of the primary slip system with and without H were evaluated by cutting a cell representing a perfect fcc lattice into two equal halves along a (111) slip plane, then shearing the upper half relative to the lower half in the y direction by the fault vector f in units of a 0 /6 [112] . The energy gained per unit area during the shearing process is termed the GSFE. 36 The simulation cell size was 15 × 30 × 15 nm. Periodic boundary conditions were applied along both x and y directions, and free boundary conditions were applied along the z direction. These simulations were performed for different H concentrations introduced at O sites between the upper and lower halves. During shearing, H atoms are able to move in a different mode than Ni atoms due to their different atom size and mobility. During energy minimization, the motion of these H atoms can be considered as a random degree of freedom due to the multiple local-extrema nature of the energy landscape. To avoid this randomness of the H motion during energy minimization, as will be discussed in later sections, H atoms will be forced to move in two prespecified ways: (1) move from an O site to a T site in the shear plane proportionally as Ni atoms move from an fcc site to an hcp site, while allowed to relax/move in the z direction and (2) stay immobile relative to the lower half in the shear plane directions, while being free to relax/move in the z direction.
III. RESULTS

A. Occupying sites of interstitial hydrogen in fcc nickel
In order to determine the preferential occupying sites for H in fcc Ni, the binding energies of H occupying different sites were calculated. In the following, the binding energy is computed for a single H atom in a perfect fcc Ni lattice, in the SF, and in the cores of the Shockley partials. The binding energy E b of an H atom occupying a specific site in a general defect is defined as follows:
where E bulk is the total energy of a perfect fcc sample, E H is the total energy of a sample with a single interstitial H atom occupying an O site (reference case), E G is the total energy of a sample with a general defect (stacking fault, dislocation, etc.), and E H -G is the total energy of a sample with a general defect and an interstitial H atom occupying O or T sites. The terms in the first and second round brackets of Eq. (1) are the energy gains due to introducing an interstitial H atom to an O site, and the introduction of a general defect, respectively. The right-hand side of Eq. (1) is the energy gain due to the introduction of an interstitial H atom and a general defect simultaneously. The binding energy E b is thus the energy increase of the system after binding an interstitial H atom to a general defect. Notice that E b = 0 for H atoms occupying O sites in a perfect fcc lattice since this is chosen as the reference state. For our simulations, E bulk is −4.43 eV per atom, which includes the contributions due to the two (111) free surfaces in the z direction, and (E H − E bulk ) is −2.19 eV.
To determine the preferential occupying sites of H in a perfect fcc Ni lattice, the total energy E H -G is computed by displacing an H atom occupying an O site in a perfect fcc lattice (i.e. E G = E bulk ) through its nearest T site along the negative y direction, and finally to the following O site, as shown in Fig. 2 shown in Fig. 3 (a) . It is clear that O and T sites are both stable occupying sites (i.e. corresponding to local energy minima). However, occupying a T site has a positive binding energy of 0.409 eV above an O site, and the diffusion energy barrier between them is 0.465 eV. Thus, the system requires a large energy input for an H atom occupying an O site to diffuse to a T site. This is in agreement with previous studies suggesting O sites as being the preferential occupying sites for interstitial H atoms in the perfect fcc Ni lattice. 37 In a defective lattice, such as an fcc lattice containing an infinite SF or a dissociated dislocation, the preferential occupying sites could be altered by the change of local lattice structure. In Fig. 4 , the top view of the (111) glide plane of a dissociated screw dislocation is shown. The hcp lattice structure of the SF is observed around the center of the dislocation, and the prefect fcc lattice is recovered far from the screw dislocation. In the transition region (Shockley partial core) between the SF and perfect fcc lattice, the local lattice structure is different from either an fcc or hcp lattice (SF). The corresponding occupying sites near this transition region are also termed O and T sites, according to their relative position to the lower half of the lattice (along the z direction). To obtain the preferential occupying sites of H in the SF, the binding energy of a single H atom moving from a T site, through its nearest O site along the positive y direction [as shown in Fig. 2(d) ], and finally to the following T site, is calculated according to Eq. (1) (here E G = E SF , where E SF is the total energy of a sample with an infinite SF). As shown in Fig. 3(b) , both T and O sites are observed to be stable occupying sites (i.e. correspond to local energy minima). However, T sites have a negative binding energy equal to − 0.0821 eV vs a positive binding energy at O sites equal to 0.331 eV. In addition, the diffusion energy barrier between T and O sites is 0.453 eV. Thus, it is clear that T sites are the preferential occupying sites for H atoms in the local hcp lattice (SF). It should be noted that both the O site in the fcc lattice and the T site in SF have lower local densities as compared to T and O sites, respectively. Fig. 5(a) ]. This binding energy is computed according to Eq. (1) with E G being equal to the total energy of a sample with a dislocation E D . In these cases, it is observed that the minimum energy sites do not coincide with the exact O or T site but are slightly positioned away due to interactions with nearby Ni atoms as shown in Fig. 5(a) . Thus, in the remainder of this paper, these equilibrium positions in the Shockley partial core are referred to as O and T sites, respectively. When moving an H atom along Path 1, the binding energy is −0.0462 eV for H at T sites and −0.0100 eV for H at O sites. The diffusion energy barrier along this path is, however, large and equal to 0.455 eV. On the other hand, for an interstitial H atom moving along Path 2, the diffusion barrier is equal to 0.132 eV for H moving from the shown T site to an O site and 0.0545 eV to move to the following T site. The same observations can be made for the case of the computed binding energy of the H atom moving from an O site in Shockley partial of a screw dislocation as shown in screw dislocations is one order of magnitude lower than that in a perfect fcc or SF lattice. Thus, diffusion of H between O and T sites near the partial dislocation core is significantly enhanced, which is in agreement with the dislocation-pipe diffusion process.
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B. Binding energy of hydrogen to edge and screw dislocations
In this section, the binding energies of an interstitial H atom to edge and screw dislocations are calculated as a function of its position to the dislocation centerline. The dislocation centerline is defined here as the midline between the two Shockley partials. These calculations are performed by introducing one H atom at different occupying sites around and inside the dislocation, then minimizing the total potential energy of the system. In the central plane between the two A and B stacking planes defining the dislocation glide plane, O sites were selected in areas far from the dislocations where the crystal lattice is a perfect fcc structure, while T sites were selected in the SF region. In the transition regions (Shockley partial core), initially both O and T sites were selected because both are stable occupying sites. In planes one and two layers above and below the glide plane, only O sites were selected since these planes have perfect fcc lattice structure.
In Fig. 6(a) , the binding energy curves of an H atom to an edge dislocation are observed to be symmetric with respect to the dislocation centerline (x = 0). This is due to the symmetry of the stress field around the edge dislocation with respect to plane x = 0. For H occupying O sites on one plane above the glide plane (tension region), a negative binding energy is observed with a global minimum observed when H is at a horizontal distance |X| = 12Å from the dislocation centerline. Depending on the position of the H atom relative to this minimum binding energy site, an attractive or a repulsive force may develop. As observed in Fig. 7(a) , an attractive force develops on the entire edge dislocation when an array of H atoms is placed parallel to the dislocation centerline on one plane above the glide plane (tension region) at a distance greater than |X| = 12Å. Due to this attractive force, the dislocation moves closer to the H array and stabilizes when the H array coincides with the global minimum position in the binding energy. On the other hand, if the H array was placed at a horizontal position closer than the global minimum position, the dislocation will be repelled by the H array and stabilizes when the H array coincides with the global minimum position as shown in Fig. 7(b) . Furthermore, if H is introduced on planes further above this plane, the magnitude of the minimum energy approaches zero, and the attractive/repulsive force weakens as evident by the binding energy curve for H at O sites on two planes above the glide plane as shown in Fig. 6(a) . It should be noted here that, while an attractive/repulsive force may develop on the dislocation due to the elastic interactions with H atoms, this force in general may not exceed the Peierls stress required for dislocation motion. In such cases, thermal activation may play a dominant role for H diffusion to the global energy minimum than dislocation motion. The observed dislocation motion here is simply due to the low Peierls stress of the straight infinitely long dislocations in Ni (several tens of MPa), and the short H-dislocation distance and relatively high H line density that were intentionally chosen to demonstrate the H-dislocation interaction explicitly.
For H at O sites on two planes below the glide plane (compression region) a positive binding energy is observed. A local minimum develops when the H atom is right below the centerline of the dislocation, and two global maxima are also observed when H is at a distance |X| = 13Å. As shown in Fig. 7(c) , if an H array is introduced at a distance farther than the position of the global maxima, a repulsive 
FIG. 8. (Color online) Initial and equilibrium configurations showing the interaction of an H array (small purple spheres) with a screw dislocation. The H array is on the glide plane in (a) through (d), above the glide plane in (e) and (f), and below the glide plane in (g) and (h). View is along dislocation line direction (y axis). Only non-fcc atoms are shown (red [dark gray] and green [gray] denote atoms in lower and upper A and B planes). Arrows indicate the motion directions of the entire dislocation during energy minimization.
force develops, and the dislocation moves away until the repulsive force reaches a value below the P-N barrier of the dislocation. If the H array is placed at a position closer than the position of the global maxima, an attractive force develops, and the dislocation moves until the H array is positioned right below the centerline (i.e. local minimum position) as shown in Fig. 7(d) . If H is introduced to planes farther below this plane, the binding energy decreases, and the H-dislocation force weakens.
For H on the glide plane, the binding energy of H at O sites decreases as H approaches the Shockley partial core. A minimum binding energy is observed when H is at |X| = 15Å from the dislocation centerline. This is just ahead of the Shockley partial cores (recall that the SF width of an edge dislocation is 27.4Å). As H gets even closer to the Shockley partial core, the binding energy rises again. On the other hand, for H occupying the T site in the SF, the binding energy decreases as H moves away from the edge dislocation centerline and approaches the Shockley partial cores. A minimum binding energy is observed when H is at |X| = 9Å. This is just behind the Shockley partial cores. As the H atom moves closer to the Shockley partial cores the binding energy rises. The repulsive and attractive forces that develop between H arrays on the glide plane at O and T sites and the edge dislocation are shown in Figs. 7(e)-7(h). As expected, the dislocation adjusts its position relative to the H array to obtain a minimum energy position at |X| = 15 and 9Å for the H array at O and T sites, respectively.
It is clear from these results that the Shockley partials have the strongest interactions with H. The strongest attractive interaction develops when H occupies an O site on one plane above the glide plane (tension region). On the other hand, the strongest repulsive interaction develops when H occupies an O site on two planes below the glide plane (compression region). These results agree in general with results published in the literature. 28, 30 However, the careful analysis of the different possible occupying sites performed here show a local minimum energy (i.e. possible stable site) for H at an O site on the glide plane just ahead of the Shockley partials, as well as the attractive and repulsive interactions between H atoms and edge dislocations. The binding energy curves of H to a screw dislocation at different occupying sites and on different planes are shown in Fig. 6(b) . For H at O sites on the glide plane, the binding energy decreases as the H atom approaches the dislocation centerline, and a minimum is observed at |Y | = 10Å. This is just ahead of the Shockley partial core of the screw dislocation (recall that the SF width of the screw dislocation is 15.1Å). For H closer to the Shockley partial cores, the binding energy rapidly increases. On the other hand, for H at the T site in the SF, the binding energy is almost constant with E b ≈ −0.09 eV when the H-atom is at a distance |Y | 4.5Å from the dislocation centerline, then rapidly increases when H is at a distance |Y | > 4.5Å. The minima near the partial cores are not as obvious here as in the case of H at T sites in the SF of an edge dislocation due to the relatively narrower SF width of the screw dislocation. The interaction between a screw dislocation and an H array at O and T sites on the glide plane are shown in Figs. 8(a)-8(d) . As with the interactions between the H atom and the edge dislocation, the screw dislocation adjusts its position relative to the H array to minimize the energy and stabilizes when the H array is positioned at a minimum energy site.
For H at O sites on planes other than the glide plane, the binding energy curves are antisymmetric with respect to the dislocation centerline (y = 0). This is due to the antisymmetry in the stress field that develops around the screw dislocation. For H at O sites near one partial core (tension region), a negative binding energy is obtained, while at the other core (compression region), a positive binding energy is obtained. In planes above the glide plane, the binding energy decreases as the H atom is placed closer to the dislocation centerline from the negative y direction with a minimum at y = −6.5Å. Beyond this minimum, the binding energy increases until it reaches a maximum value when the H atom is at y = 6.5Å (i.e. on the other side of the dislocation). For H on planes below the glide plane, the behavior is reversed. In this case, the binding energy increases as H approaches the dislocation centerline from the positive y direction with a minimum at y = 6.5Å followed by an increase to a maximized value at y = −6.5Å. Figures 8(e)-8(h) show the interaction between a screw dislocation and an H array at O sites on planes above the glide plane. Again, a repulsive or attractive interaction develops, and the screw dislocation adjusts its position to reach a minimum energy position according to the binding energy curves shown in Fig. 6(b) .
Similar to the edge dislocation case, it is clear that the Shockley partial cores of a screw dislocation have the strongest interactions with interstitial H atoms. The strongest attractive interaction is observed for H occupying an O site on one plane above or below the glide plane. On the other hand, the strongest repulsive interaction is observed for H occupying an O site on two planes above or below the dislocation glide plane. These results are in qualitative agreement with the trap-sites energy contours shown by Angelo et al. 28 However, the current analysis provides more details about the correct trapping sites, the binding energies of H atoms at O and T sites near the partial cores, and the repulsive and attractive interactions between H atoms and screw dislocations.
It should be noted for the results shown in Figs. 7 and 8 that the H atoms were free to relax during the simulation. These results clearly show that the motion of dislocations is easier due to the H dislocation interaction vs diffusion of H in the absence of thermal activation. Based on the binding energy calculations, the energy barrier needed for H to diffuse is about 0.465 eV, which is considerably higher relative to the P-N energy barrier for dislocation motion (the corresponding Peierls stress is on the order of tens of MPa in fcc crystals). Thus, dislocation motion is much more favorable than H diffusion in the absence of thermal activation. It is also noted that, even with assistance of thermal activation, dislocation motion may still be favorable. Using molecular dynamics simulations, the same configuration shown in Fig. 8(a) was simulated at a temperature of 50 K for 50 ps, and the same results were obtained as those from the MS simulation. This is due to the fact that H diffusion in bulk Ni takes a much longer time (high diffusion barrier) compared to that dislocation motion to reach the hydrogen atoms local minimum energy site. For H to diffuse to the global minimum energy site, H atoms diffuse through a path from an O site through a T site to a neighboring O site. 39 However, based on our current EAM calculations, the diffusion barrier between an O site and a T site (also known as the activation energy) is equal to 0.465 eV. This is in excellent agreement with that calculated from DFT studies, 39 as well as those evaluated experimentally. 40, 41 This high-diffusion energy barrier results in a small diffusion coefficient (D) for H in bulk Ni. 39 At room temperature (300 K), the diffusion coefficient is 5 × 10 −14 m 2 s −1 . Thus, the estimated time required for H diffusion from an O site to a neighboring T site is t ∼ x 2 /(2D) = 2 × 10 5 ps, where x is the diffusion distance equal to x = 1.437Å. This diffusion time is relatively small for macroscale observations; however, it is considerably long for microscale observations (such as in our simulations), where the velocity of a dislocation under the effect of the elastic interaction with the H atoms is on the order of hundreds of meters per second, and the dislocation can traverse similar distance in a few picoseconds.
C. Hydrogen effects on the stacking fault width
The effect of H on the SF width of both screw and edge dislocations is an important parameter that affects both dislocation processes and mechanical properties. 42 , 43 Wen et al. performed MD simulations on an Ni-H system and showed that H distributed uniformly on the glide plane can increase the width of a screw dislocation. 24, 25 On the contrary to those results, more recent EAM-based Monte Carlo simulations of Ni-H concluded that the SF width of an edge dislocation decreases significantly with increasing H concentration. 26 To address these conflicting results, here we reevaluate the effect of H on the SF width in view of the accurate H preferential occupying sites in the perfect fcc lattice, dislocation SF, and the cores of the dissociated dislocation partials.
As discussed in the previous section, the elastic interaction between an array of H atoms and a dislocation will result in an attractive or a repulsive interaction depending on their occupying sites and the position of the H array relative to the minimum/maximum binding energy sites. However, these interactions only result in changing the relative position of the dislocation with respect to the H array to minimize the energy, and no change in the SF width was observed. However, by introducing two H arrays at opposite sides of the centerline of the dislocation, the SF width of both edge and screw dislocations can vary dramatically depending on the occupying sites and positions of the two H arrays relative to the minimum/maximum binding energy sites. As shown in Figs. 9(a) and 10(a) , if the two H arrays were initially trapped at O sites inside the SF at opposite sides of an edge or screw dislocation centerline, the SF width will decrease to minimize the total energy of the system because of the high positive-binding energy at these sites. On the contrary, if the two H arrays were trapped at T sites on the glide plane on opposite sides of the dislocation, the SF width will increase to reduce the total energy of the system. This is shown in Fig. 9(b) for the case of an edge dislocation and in Fig. 10(b) for the case of a screw dislocation. Similarly, if the two H arrays were trapped on opposite sides of an edge dislocation at O sites on one plane above the glide plane, the SF width will increase if the two H arrays are outside of the region bound by the two binding energy minima (i.e. |X| > 12Å) as shown in Fig. 9(c) , and will decrease if the two H arrays are inside this region as seen in Fig. 9(d) . An opposite behavior is observed if the atoms were placed on two planes below the glide plane as seen in Figs. 9(e) and 9(f). On the other hand, for a screw dislocation, when the H arrays are not on the glide plane, the change in the SF width is observed if the two H arrays on opposite sides of the dislocation centerline were placed at opposite sides of the glide plane (i.e. above and below), as seen in Fig. 10(c) . This is due to the antisymmetry observed in the H binding energy to the screw dislocation. Furthermore, for H arrays occupying either O sites in the perfect fcc lattice region or T sites in the SF region, no change in the SF width was observed due to the relatively weaker interactions between the dislocation and H occupying these sites.
Similarly, the results shown in Figs. 9 and 10 were also obtained by allowing all H atoms to relax freely during the simulation. These results clearly show that the motion of the Shockley partials is easier due to the H-dislocation interaction vs diffusion of H in the absence of thermal activation. Thus, the change in the SF width through the motion of the Shockley partials is much more favorable in the absence of thermal activation than H diffusion. T sites in the SF and the Shockley partial cores. The SF width is observed to increase from 1.51 to 1.94 nm. This is in agreement with the saturated width computed by Wen et al. for the uniform distribution of H on the dislocation glide plane. 24, 25 However, as seen in Fig. 11(b) , if the H arrays near the Shockley partials were removed, the SF width stays the same as that in the absence of H. On the contrary, if H arrays were only introduced near the partial cores with the same line density, the SF width will increase to 1.94 nm, as shown in Fig. 11(d) . In addition, the H line density in the SF or near the Shockley partials has no effect on these observations as can be observed from Figs. 11(c) and 11(e), respectively, where all the available T sites in the SF or the Shockley partial cores were occupied with H (i.e. line density of 4 atoms/nm). These results are consistent with the binding energy calculations discussed in the previous section and the analysis of H-dislocation interactions shown in Fig. 10(b) . Thus, only H atoms occupying T sites near the Shockley partial cores (i.e. in the region |Y | > 4.5Å) can increase the SF width. In these simulations, all H atoms were free to relax.
In view of these current results, it is possible to explain the observed increase in the SF width as a function of uniform H concentration on the glide plane (i.e. areal H concentration) reported by Wen et al. 24, 25 For low areal H concentrations, the probability of H atoms occupying sites very close to the Shockley partials is small, and thus the change in the SF width is minimal. On the other hand, by increasing the areal H concentration, this probability increases, and thus the SF width will increase. As reported by Wen et al., 24 a saturation limit in the SF width is reached at some areal concentrations, which can be explained here as the necessary uniform areal density required for H to occupy T sites near the Shockley partials of the dislocation. As clear from our study, the H concentration is not really the driving phenomenon in controlling the size of the SF width, but rather the occupying site and their relative position to the minimum/maximum binding energy sites on the plane. In addition, interstitial H in the SF region has no effect on SF width due to the small difference between the binding energies at T sites in SF and the minimum binding energy near the partial core as discussed in Fig. 6(b) . On the other hand, for H atoms at O sites on planes above the glide plane of an edge dislocation (i.e. tension region), a decrease in the SF width will be observed if the H atoms on the glide plane were in between the two binding energy minima (i.e. |X| = 12Å), as discussed in Fig. 9(d) . Again here, the line density of H has no effect on the width; however, the increase in the areal density will result in increasing the probability of placing H atoms between the two minima positions in the binding energy curves, and thus the SF will decrease more to reduce the total energy. This explains the contradictory reports in the literature of the increase or decrease in the SF width in the presence of H. [24] [25] [26] 
D. Hydrogen effects on the generalized stacking fault energy
The SF width in pure fcc metals was reported to depend mainly on the stable SFE. 44 In addition, in the presence of interstitial H, it has been hypothesized that the SF width in fcc Ni should increase due to the decrease in the stable SFE. 45 However, in view of the results discussed in the previous section, it is clear that the SF width can increase or decrease depending on the H occupying sites and their relative positions with respect to the minimum/maximum binding energy sites. Thus, it is important to characterize the effect of H on the SFE.
The profile of the GSFE is an important measure of lattice resistance to shear. 36 The GSFE profile for fcc Ni sheared in the [112] direction along the (111) plane for one period (f = 0.5a 0 [112] ) is shown in Fig. 12(a) . This energy profile defines several important features of slip, including the stable (or intrinsic) SFE γ sf and the unstable SFE γ us . The former is typically associated with the width of the dissociated dislocation, and the latter defines the energy barrier for homogeneous nucleation of a SF. From our simulations, γ sf = 87.8 mJ/m 2 , and γ us = 212 mJ/m 2 , for a perfect fcc Ni in the absence of H, which are in reasonable agreement with experiments (γ sf = 125 mJ/m 2 ). 46 In the presence of H, the GSFE as a function of H concentration in the SF plane is shown in Fig. 12(b Fig. 12(b) Fig. 12(b) ] deviates slightly from the case that H atoms are allowed to move freely before the discontinuity, but overlaps with it after the jump. The unstable SFE here is γ energy increase with and without H, the energy variations per unit area for both cases are plotted in Fig. 13(b) . It is clear that, in the presence of a single H atom, the maximum energy variation increases, which corresponds to the increase in the unstable SFE γ H us . In addition, the minimum energy variation decreases, which corresponds to the decrease in the stable SFE γ H sf . Thus, the increase in the unstable SFE is mainly due to the contribution of Ni atoms equivalent to atom #3, which are moving away from the H atom during shearing. In the case of dislocation glide, the effect of H on the glide plane, either in the perfect fcc region or in the SF region, is analogous to the case studied here. It is thus expected that H atoms in the fcc region of the glide plane will probably reduce dislocation mobility, and H atoms in the SF will serve as pinning points and in turn increase the critical resolved shear stress (Peierls stress) for dislocation glide. 48, 49 
V. CONCLUSION
Determining the preferential H-occupying sites in Ni is important to identify a number of H-dislocation interaction outcomes. In this comprehensive study, it was shown that occupancy of interstitial H in fcc Ni depends mainly on the local crystallographic structure. In a perfect fcc lattice, the octahedral sites are the most energetically favorable sites of H occupation. On the other hand, in the SF, which has a local hcp crystallographic structure, tetrahedral sites are most energetically favorable. In the transition region between a perfect fcc lattice and a stacking fault, which is known as a Shockley partial core, both octahedral and tetrahedral sites are preferential occupation sites. The diffusion barrier for H is relatively high except for the case of pipe diffusing near the Shockley partial cores. The binding energy of H to dislocations is also shown to depend on the character of the dislocation. The strongest H-binding sites to an edge dislocation are octahedral sites in the tension region near the partial dislocation core on one plane above the dislocation glide plane (tension region). For screw dislocations, both tetrahedral sites in the SF and octahedral sites near one of the two Shockley partial cores on one plane above/below have the strongest binding energy. An attractive or a repulsive interaction between hydrogen and the screw or edge dislocations depends on the relative position of the hydrogen to these strongest binding sites.
The effect of H on the SF width of both screw and edge dislocations and SFE is an important parameter that affects both dislocation processes (e.g. cross slip) and mechanical properties. From the current analysis it may be concluded that the SF width may increase or decrease, depending on the H-occupying sites and the relative position of the hydrogen to the strongest binding sites, to minimize the total energy of the system. On the dislocation glide plane, only hydrogen in both the Shockley partial core regions can result in increasing the SF width, while those in the SF region or in the perfect fcc lattice region have no observable effects. In addition, uniformly distributed hydrogen in the tension region (off the glide plane) near the center of an edge dislocation can result in reducing the SF width. The GSFE in the presence of interstitial hydrogen is also shown to be affected. The stable SFE decreases with increasing hydrogen concentration due to the resulting negative binding energy to the SF. On the other hand, the unstable SFE increases with increasing H concentration, which may result in pinning the dislocation due to the nature of short-range interaction between interstitial hydrogen and their neighboring Ni atoms.
These fundamental understandings provide a clearer physical basis of the interactions between interstitial hydrogen and defects (stacking faults and dislocations) in fcc metals, as well as incorporating realistic hydrogen effects in larger-scale mesoscale simulations (e.g. discrete dislocation dynamics simulations). Such mesoscale simulations are still necessary to shed light on several hydrogen-induced effects on the collective behavior of dislocations, such as hydrogeninduced softening or hardening, elastic shielding of dislocation, and inhibited cross slip. This in turn may aid in providing a better physical interpretation of the two main hypothesized mechanisms governing hydrogen embitterment, namely hydrogen-enhanced localized plasticity (HELP) 50, 51 and hydrogen-enhanced decohesion (HEDE). 52 
